
JOURNAL OF MATERIALS SCIENCE 27 (1992) 4373-4380 

Creep behaviour of a heat-resistant ferritic 
chromium steel in terms of stress exponents 

F. GROISB( )CK  
Institut for Metallkunde und WerkstoffprOfung, MontanuniversitSt Leoben, A-8700 Leoben, 
Austria 

In many publications the high-temperature deformation behaviour of materials is described by 
the stress sensitivity of steady-state creep rate, the creep exponent, n. In order to investigate 
the mechanisms of dislocation motion, it is more promising to evaluate the constant structure 
creep properties. This leads to the constant structure creep exponent, m', which is not 
influenced by the stress dependence of the substructure. Therefore, the investigation of 
deformation mechanisms is less difficult. Additionally, m' is the basis for the calculation of the 
effective stress exponent, m, of dislocation velocity, which permits the investigation of the 
strength of interactions between alloying atoms and moving dislocations. It is shown that the 
creep exponent, n, is between 5 and 10 in the power-law creep region (where diffusion- 
controlled glide processes of dislocations cause deformation). However, it increases to about 
50, if exponential creep is working (in this region the glide processes are thermally activated 
but diffusion is not the rate-controlling mechanism). The constant structure creep exponent, 
m', is relatively small and independent of stress in the power-law creep region. It increases 
almost linearly with the applied stress, if thermally activated glide dominates creep. The 
evaluation of the stress exponent, m, which can be calculated from m' and the effective 
stresses, showed that dislocation motion is influenced by alloying atoms as long as power-law 
creep works. There is experimental evidence that power-law breakdown is due to a 
breakdown of the alloying effect, because dislocations can escape from their dragging Cottrel 
clouds at high applied stresses. 

1. Introduct ion 
Ferritic chromium steels have worse creep properties 
than austenitic steels. This is a consequence of faster 
diffusion processes. There are, however, two reasons 
for their application in modern high-temperature 
equipment: first, their advantageous high-temperature 
corrosion properties, especially in case of sulphur- 
containing environments, and second their lower price 
due to the absence of nickel. High-temperature ap- 
plication of ferritic chromium steels is usually re- 
stricted to conditions with very low stresses. In order 
to improve their application, it is necessary to invest- 
igate creep mechanisms and furnish creep data. 

Time-dependent deformation usually takes place 
when more than 40-50% of the melting temper- 
ature is reached. Depending on the deformation mech- 
anism working, the correlation between strain rate, 8, 
and applied stress, ~, is 

= A(T) (1) 

which indicates power-law creep, or 

= B(T) exp([3 c~) (2) 

which is called exponential creep or power-law break- 
down [1, 2]. A(T) and B(T) are terms depending on 
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the temperature T. G is the shear modulus, which is 
slightly temperature dependent. As the substructure 
developing during deformation depends on various 
influences, e.g. the applied stress, deformation temper- 
ature and the type of material, the creep exponent, n, 
can take a wide range of values. In the case of single- 
phase alloys with a strong influence of alloying atoms, 
as for example A1-Mg alloys (alloy-type creep), n takes 
values of about 3. It rises to about 5-10 in the case of 
pure metals, or alloys which behave like pure metals 
(metal-type creep) [3]. Sometimes very high values of 
n (up to 40 [2]) are reported. Except in the case of 
particle-hardened alloys such as the modern nickel- 
based materials, where high n values are caused by 
interaction between dislocations and particles [4]; this 
indicates that the creep mechanism working is expo- 
nential creep [2]. 

Metal-type power-law creep is assumed to be dom- 
inated by dislocation climb processes. The most im- 
portant feature of the substruicture is the highly or- 
dered dislocation networks of subgrain walls. These 
networks are sites of high local dislocation densities 
and therefore of high local stresses [5]. The dislo- 
cation density inside the subgrains is low [6]. Long- 
range internal stresses, which arise because of the 
inhomogeneous distribution of dislocations, oppose 
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dislocation motion in the subgrain interior. As the 
magnitude of interaction between dislocations and 
foreign atoms increases, the tendency to build regular 
dislocation networks decreases. High interaction 
forces lead to a relatively homogeneous dislocation 
distribution. Slow drag-controlled glide of disloc- 
ations is now the rate-controlling process [73. 

Many alloys do not show any influence of foreign 
atoms on the steady state creep properties such as the 
creep exponent, n [3]. However, there are more sensi- 
tive methods to check whether there is an alloying 
effect or not. One of them is the determination of the 
constant structure creep properties [83. In combina- 
tion with measurements of internal stresses (from 
transient dip tests) it is possible to determine the 
exponent m, which relates the velocity, v, of a mov ing  
dislocation to the effective stress, eye, acting on it [8] 

#1 v ~ ~e (3) 

If m values near unity are observed, the dislocation 
motion is drag controlled [8, 9], although no influence 
on the steady state creep behaviour can be found [10]. 
If m deviates largely from unity, dislocation motion 
becomes jerky and glide is no longer drag controlled. 

In this paper the steady state and the constant 
structure creep properties of a ferritic chromium steel 
are presented. The steady state strain-rate data are 
plotted in the usual way as a function of applied stress 
in a double-logarithmic diagram. The resulting creep 
exponents are interpreted in terms of different defor- 
mation mechanisms. Stress relaxation data are used to 
describe the constant structure creep properties. In 
combination with some previously published data on 
internal stresses, the stress exponent, m, of dislocation 
motion is calculated. The results are discussed in terms 
of creep mechanisms working and the influence of 
alloying atoms. 

2. Experimental procedure 
A heat-resistant ferritic chromium steel (chemical 
composition: 0.1% C, ~18% Cr, ~1% Si and ~1% 
A1; Fe remainder) was tested in two structural condi- 
tions. The coarser material had a grain size of about 
50 gm and large carbides (up to 20 gm), while the finer 
material showed grains about 10 gm in size and small 
carbides (0.1-1 I~m). For  a more detailed description of 
the material investigated, as well as the test procedures 
for the determination of stationary creep properties 
and internal stresses, see [11]. 

Stress relaxation tests were performed at temper- 
atures between 500 and 750 ~ at initial strain rates, 
~o, of about 5 x 10-7-5 x 10 - 3  s - 1 .  Relaxation tests 
were carried out when the steady state deformation 
rate was reached. When those deformation conditions 
did not lead to a steady state (in the exponential creep 
region), stress relaxation was started close to the 
largest deformation resistance (i.e. the minimum creep 
rate in a constant stress creep test). Two testing facili- 
ties were used. With an Instron-type machine, relaxa- 
tion was started by stopping crosshead motion. With a 
mechanical constant stress testing device, which is 
described in detail in [12], relaxation was started 
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when a mechanical stop was reached by the loading 
system. The latter testing facility has some advantages 
in the case of higher initial strain rates because it is less 
rigid. This leads to a flatter stress-time curve which 
can be better evaluated. On the other hand, the rela- 
tively rigid Instron-type testing machine avoids very 
flat stress-relaxation curves in the case of small initial 
strain rates. There was no difference between the 
results yielded by the two testing facilities. 

The strain rate, gr, during the relaxation test can be 
calculated from the rate of stress decrease, 6 = dcy/dt 

- 6  
&, - ( 4 )  

E* 

where E* is a modulus of elasticity, which combines 
the stiffness of the testing machine and the Young's 
modulus of the specimen [2] (l/E* = 1/E + Ao/loR ). 
E is the elastic modulus of the investigated material 
at the test temperature (E ~ 80 GPa  [12]), A0 is the 
cross-section of the deformed specimen, l o is the length 
of the deformed specimen and R is the stiffness of the 
testing machine. For  the determination of the effective 
stress exponent, m, of dislocation motion the mechan- 
ically (with transient dip tests) measured ~ data were 
used. 

3. Results 
3.1. Results of steady state creep testing 
Fig. la shows the stress dependence of the strain rate 
for all test conditions in a double-logarithmic dia- 
gram. It can be seen that all different groups of data 
points show a change in the stress dependence of the 
strain rate, g. This indicates a transition in creep 
mechanisms. At low stresses or low strain rates 
(power-law creep is operating) the creep exponent, n, is 
in the range 5-10. This quantity increases in the high 
stress-high strain rate region where exponential c r eep  
dominates to at least 8 and up to more than 50. From 
a mathematical point of view use of Equation 1 is not 
allowed and therefore neither is a double-logarithmic 
diagram of strain rate and stress in the exponential 
creep region, but for practical reasons this is done to 
show that there is a change in material behaviour. 

Fig. lb shows the creep exponents, n, which are 
evaluated for each temperature and each material 
below and beyond the transition in creep mechanisms. 
It can be seen that the creep exponent, n, of the power 
law increases only slightly with decreasing temper- 
ature. Except for the value at 600 ~ of the coarser 
(conventional) material, there is no big difference be- 
tween the two investigated material states in the case 
of power-law creep. The same conclusion can be 
drawn for the exponential values. Owing to the fact 
that a very small range of strain rate has been investig- 
ated in the exponential creep region, the difference 
between creep exponents of power law and expo- 
nential creep is low at high temperatures. In the 
vicinity of transition, the stress dependence of the 
strain rate in the exponential creep region is smaller 
than it is far away. Another reason for relatively low 
creep exponents at high temperatures (not only in the 
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Figure 1 Steady-state creep properties of the investigated heat-resistant ferritic steel. (a) Double-logarithmic plot of steady-state creep rate 
and applied stress. Hatched area: the transition between power law and exponential creep (conventional material). ( - - - )  The shift of this 
transition for the modified material. (b) Creep exponent, n, in the region of (O, x) power-law and (El, + ) exponential creep for (O, Q) 
modified and ( x, + ) conventional materials. 

exponential creep region) is the fast diffusion, which 
leads to more regular structures, e.g. to well-knitted 
subgrain boundaries in the power-law region. As a 
result the creep behaviour comes closer to the creep 
theories which describe the deformation behaviour in 
the case of a well-developed substructure [5]. 

The creep exponent, n, of the power-law creep 
mechanism takes values near 5 (700-750~ to 10 
(500-550~ Following Sherby and Burke [3], this 
may be interpreted in terms of very soft interactions 
between dislocations and foreign atoms. This would 
mean that metal-type power-law creep is working in 
the case of the investigated ferritic chromium steel. 
The following investigation shows that this conclusion 
is misleading. 

3.2. C o n s t a n t  s t r uc tu r e  c r e e p  e x p o n e n t  
From a series of normal creep tests (at a fixed temper- 
ature) the stress dependence of the (steady state) creep 
rate, the stress exponent, n, can be evaluated. This 
quantity is influenced by the substructure developing 
during the creep test, which depends on the applied 
stress (e.g. the subgrain size decreases with increasing 
stress [6]). Normally it is not possible to distinguish 
between the influences of substructural and stress 
changes on the resulting strain rate. The constant 
structure creep exponent, m', which offers a large 
potential for the investigation of creep mechanisms 
and permits identification of the nature of dislocation 
motion, can be determined by means of stress dip tests 
[8] or stress relaxation tests [8, 12]. The latter possi- 
bility was used for this paper. 

After a specimen was crept to a certain amount of 
deformation, the relaxation test was started with an 
initial stress, Cyo, and an initial strain rate, &o. Forward 
deformation continues because of a positive effective 
stress as is observed when small stress reductions are 
applied in dip tests [8, l t]. The inelastic strain of 
forward creep has to be compensated by an elastic 

deformation of the specimen and the loaded parts of 
the testing machine because after the start of relaxa- 
tion no overall deformation is permitted by the testing 
facility [2]. The reduction in stored elastic deforma- 
tion causes the stress to decrease. 

With Equation 4 the strain rate during the stress 
relaxation test can be calculated easily. The constant 
stress creep exponent is then given by 

rn' = dln(Cr/~0)/dln(or/%) (5) 

~r is the calculated strain rate at a stress cy r, ~0 and G o 
are strain rate and stress, respectively, before starting 
relaxation. For  practical reasons it is better to calcu- 
late ~o in the same way as gr, i.e. from the rate of stress 
decrease, D o, at the moment of relaxation start. In this 
manner errors arising from the determination of E* 
can be avoided, which can be easily seen by combining 
Equations 4 and 5. The same result can be obtained if 
m' is evaluated directly from the rates of stress de- 
crease, m' = d log (~ j~0)  / d log(c~/~o) and therefore 
with the help of a diagram, log(dr/6o) over 
log(Gr/c%). As the latter method leads to problems 
when comparing the results of stress relaxation tests 
with the steady state deformation behaviour, it was 
not used here. 

Fig. 2a shows the results of three relaxation tests at 
different starting stresses in the region of power-law 
creep, while Fig. 2b shows three relaxation curves in 
the exponential creep region (note the different scale of 
the stress axis). For  comparison, the results of a 
hypothetic stress relaxation test are shown, which are 
derived when the material behaves as in steady-state 
deformation (dotted lines). The slope of these lines is 
given by the steady-state creep exponent, n.  

In all relaxation tests at 700~ within the power- 
law creep region, the constant structure creep expo- 
nent, m', was found to be near 8.5 (Fig. 2a), while the 
steady-state creep exponent, n, was approximately 5. 
With increasing relaxation time the relaxation curves 
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Figure 2 Evaluation of stress relaxation tests with the aim of determining the constant structure creep exponent, m'. (a) Typical relaxation 
curves at 700 ~ (power-law creep); Go (MPa): (,) 106, (�9 72, ( x ) 38. (b) Typical relaxation curves at 500 ~ (exponential creep); % (MPa): (,) 
436, (@) 394, ( x ) 366. m' for G r ~ Go: (*) 32, (�9 30, ( x ) 25.5. 

become flatter, which means that the stress depend- 
ence of the relaxation rate decreases continuously. All 
relaxation tests at 700 ~ cut through the steady-state 
line. The point of intersection depends on the starting 
stress. At high starting stresses the relative decrease 
for the intersection is higher than at lower starting 
stresses. 

When exponential creep is working, the stress de- 
pendence of the relaxation rate is smaller than 
it would be under steady-state conditions (m' is 
smaller than n). m' depends on the starting stress and 
increases from 25.5 at cy o = 366 MPa up to 32 at 
cy o = 436 MPa, while the steady-state creep exponent, 
n, is larger than 50 (Fig. lb). Two relaxation curves 
(cy o = 366 and 394 MPa) are S-shaped, showing a 
decrease in steepness after the beginning of relaxation 
and afterwards an increase, which is due to ceasing 
deformation at long relaxation times (about 1 h). The 
relaxation curve started at 436 MPa will be S-shaped 
too, but the increase in steepness after the transition 
point lies outside the diagram. 

Fig. 3 shows data of the constant structure creep 
exponent, m', derived at various temperatures over a 
wide range of applied stresses. All m' values of the 
power-law creep region (approximately the left-hand 
third of stress range in Fig. 3) lie between 7.5 and 9.5 
without showing a stress dependence. Additionally, it 
can be seen that m' is almost always larger than the 
stress-dependent exponent, n. In the exponential creep 
region the exponent m' increases nearly linearly with 
applied stress (the results obtained in the region of 
exponential creep are marked with arrows). There is a 
small difference between the two investigated material 
states: m' values of the conventional material are 
always larger than those of the modified alloy at the 
same applied stress. As mentioned above, the constant 
structure creep exponent is smaller than the steady 
state creep exponent. 
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3.3. Effective stress exponen t  of d is loca t ion  
ve loc i ty ,  m 

The exponent, m, of dislocation motion (Equation 3) 
can be calculated from the constant structure creep 
exponent, m', and the mean effective stress, cyo r8] 

m = rn '~e (7) 
(y 

The effective and internal stresses are measured by 
means of stress transient dip tests using an extrapola- 
tion method to exclude the influence of recovery 
during the dip operation [11]. The results of internal 
stress measurements are presented in Reference 11. To 
obtain highly accurate results for the exponent m, it is 
necessary to take only cye values, which are determined 
by mechanical (dip-) tests. ~e-values evaluated from 
dislocation bowing are quantitatively too uncertain. 

The effective stress exponent, m, can be determined 
only at a temperature of 600 ~ [11] because dip tests 
were carried out only at this temperature. Fig. 4 shows 
evaluated results for both materials. The transition 
between power-law and exponential creep is marked 
with a hatched area involving the slightly different 
values for both material states, m is about 1 in the 
power-law region but, with transition to exponential 
creep, increases to values of 4-5. There may be a step 
in m at the transition of the deformation mechanism, 
as is indicated for the conventional material. The 
results for the modified material show a more continu- 
ous increase of m. 

Generally it can be said that the effective stress 
exponent, m, takes values near unity in the power-law 
creep region. Small deviations are not substantial, 
because determination of m is influenced by errors in 
m' and ~ :  both may reach 20% or even more of the 
true value. The increase in rn in the exponential creep 
region is too large to be a result of experimental errors. 
Therefore, it is concluded that there is a substantial 
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difference in dislocation motion between power law 
and exponential creep. 

4. Discussion 
4.1. Transition between power-law and 

exponential creep 
As it was shown previously [-12, 13], the transition 
from diffusion-controlled power-law creep to ther- 
mally activated glide (exponential creep; diffusion is 
not rate controlling) occurs at a distinct ratio between 
the strain rate, ~, and the diffusion coefficient D: 
k/D ~ 1013 m -2. This is indicated in Fig. la (hatched 
area). It can be seen that for the conventional material 
the location of change in the creep exponent from low 
to high values fits well with the calculated transition. 
The same is found for the modified material at temper- 
atures above 600 ~ At lower temperatures, however, 
the transition shifts to higher strain rates (indicated by 

a dashed line in Fig. la). This cannot only be found by 
changing stress dependence of the strain rate (Fig. la) 
but also by means of transmission electron micro- 
scopy (TEM) [13]. It was shown previously that 
between the dashed line and the hatched area (where 
different deformation mechanisms are operating), the 
substructure developing during creep is material de- 
pendent. The conventional material shows cell struc- 
tures and regions of relatively homogeneously 
distributed dislocations (Fig. 5a) with a dislocation 
arrangement typical of a high rate of intersection 
processes and a low recovery rate. This is typical of 
exponential creep. The deformation condition of the 
specimen shown in Fig. 5a is marked in Fig. 1 a with an 
arrow. It can be seen that this specimen was deformed 
right in the region of exponential creep. The sub- 
structure of a specimen of modified material deformed 
at nearly the same strain rate and stress as in Fig. la 
(see small arrow) is shown in Fig. 5b. Now subgrain 
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The origin of the shift in the transition of strain rate 
of the modified material is a faster creep rate in the 
region of power law, see Fig. la, temperatures 
500-600 ~ As TEM investigations, which were car- 
ried out before the specimen was subjected to creep, 
showed no significant difference in substructure be- 
tween the modified and the conventional material (e.g. 
dislocation density and arrangement), it is thought 
that the acceleration of power-law creep in the modi- 
fied material at low temperatures is caused by an 
accelerated diffusion. 

The origin of faster diffusion processes may be 
coarsening processes of carbides, which force diffusion 
processes in the finer modified material. Another point 
of interest may be the dissolution of carbon, which was 
kept in solid solution because the modified material 
was quenched after the last heat treatment (recrystal- 
lization). As carbide precipitation forces chromium 
diffusion, this would also accelerate diffusion-con- 
trolled dislocation motion. Strong evidence for these 
mechanisms is only found at low temperatures. At 
higher temperatures the effect of carbide coarsening 
on the effective diffusion coefficient is smaller, and 
most of the carbon surplus is precipitated before the 
specimen reaches steady state. Therefore, the creep 
behaviour at high temperatures is practically identical 
for both materials. 

Figure 5 Transmission electron micrographs of the dislocation 
arrangement of the two specimens marked in Fig. la. (a) Cell 
structures and regions with homogeneously distributed dislocations 
dominating in the conventional material (exponential creep, large 
arrow in Fig. la). (b) Subgrain structures with a relatively low 
dislocation density inside the subgrains are dominating the modi- 
fied material because power-law creep is working (small arrow in 
Fig. la). 

formation is dominating, which is typical of power- 
law creep. It normally features well-developed sub- 
grain walls with a low dislocation density inside the 
subgrains and fewer dislocation intersections [12, 13]. 
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4.2. Stress exponents  
The steady state creep exponent, n, of power-law creep 
increases with falling temperature and increasing 
stress (Fig. lb). This is consistent with previously 
published results, e.g. on pure LiF [14]. Increasing 
stress sensitivity of the strain rate indicates increasing 
deviation from the idealized deformation behaviour. 
This can be seen from internal stress measurements 
[11] and from the TEM analysis of the substructure, 
which show increasing irregularity of the dislocation 
arrangement. The density of dislocations within the 
subgrains and the number of intersection processes 
increases with increasing applied stress [12, 13]. This 
is shown in Fig. 6a and b. Note that Fig. 6b shows a 
substructure typical of deformation conditions near 
the vicinity of transition from power law to expo- 
nential creep, because there are well-developed sub- 
grain walls (marked with black arrows) and much 
more irregular cell walls (white arrows). Sometimes, in 
the vicinity to the transition to exponential creep, the 
subgrain structure becomes elongated (Fig. 5a). 

The relative height of effective stress (~/cy) in- 
creases with increasing applied stress because a smal- 
ler degree of order of the dislocation arrangement 
decreases the mean relative height of internal stresses 
[5, 11]. If the resulting strain rate is thought to be a 
function of effective stress (Equation 1, ~y is replaced 
by ~e; note that A(T) changes), it can be seen that the 
creep exponent decreases to values predicted by creep 
theories [12, 15]. 

Compared to the stress-dependent steady state 
creep exponent, n, it seems that the constant structure 
creep exponent, m', is a quantity more typical of the 
acting deformation mechanism. The creep exponent, 



Figure 6 Substructural changes with increasing applied stress in the 
power-law region. (a) Substructure of a specimen deformed at about 
40 MPa and 700 ~ (well in the power-law region). (b) Substructure 
of a specimen deformed near the transition to exponential creep (at 
about 180 MPa and 600 ~ Black arrows indicate well-developed 
subgrain walls, while white arrows indicate less-ordered cell wails. 

m', was determined previously by various researchers. 
Blum et al. [10] found m' for an Al-Zn-alloy to be 
between 7 and 9. In the same temperature and stress 
range m' rises (stress dependent) to values of about 40 
if measurements are made on pure aluminium. This 
different material behaviour is thought to be a conse- 
quence of the influence of zinc atoms. They cause the 
velocity of moving dislocations to be just slightly 
altered when the stress is reduced by a small amount. 
In pure metals, small stress changes lead to large 
changes in the average dislocation velocity, and there- 
fore a large m' [10]. 

This can be easily rationalized if we introduce the 
concept of internal and effective stresses, cr = % + cry. 
Pure metals form well-developed subgrain structures 
[6, 7] with high local stresses in the subgrain walls [5] 
and relatively high long-range internal stresses in the 
subgrain interior [5]. Thus, the internal stresses are 
high and the effective stresses, which force dislocation 
motion, are low in the case of power-law creep [5, 9]. 
A small stress reduction has a large influence on the 
effective stress and thus on the velocity of moving 
dislocations. As a measureable result, m' is high. 

In alloys, even if they are less solution-strengthened 
than A1-Mg, internal stresses are lower. Therefore the 

effective stress acting on the dislocations is higher. 
Small changes in applied stress cause only small 
changes in the relative height of effective stress. Thus 
m' is smaller because material reaction to the stress 
reduction is weaker and not very different from 
steady-state deformation. In the region of exponential 
creep (in Fig. 3 all corresponding results are marked 
with arrows) a nearly linear increase in m' was found 
for the investigated ferritic steel. The same dependence 
was found for pure aluminium [10]. 

A better instrument to clarify whether there is an 
influence of foreign atoms on the micromechanism of 
creep is the effective stress exponent of dislocation 
velocity, m. If m takes values near unity (in the region 
of power-law creep, see Fig. 4), alloying atoms are 
dragging dislocation motion [9, 16]. This means that 
the glide step of dislocations between unpinning and 
reaching the new stable configuration at the next 
pinning point is controlled by solute atoms (viscous 
glide of dislocations [16]). Therefore, this type of alloy 
does not show a "jerky" glide of dislocations after the 
unpinning process like pure metals do [9]. The overall 
deformation rate, &, is still controlled by the unpinning 
process (dislocation climb), which makes the disloc- 
ation free to glide. This is the difference compared to 
the alloy-type creep, as in the case of A1-Mg alloys, 
where the creep rate is controlled by the viscous glide 
of dislocations [9]. 

Results for m indicate that there is no influence of 
the alloying atoms on dislocation glide in the region of 
exponential creep. The exponent m is much larger 
than 1. Therefore, a small increase of effective stress is 
followed by a large increase of the average dislocation 
velocity. This is generally attributed to materials with- 
out dragging forces between moving dislocations and 
alloying atoms [9, 16, 17]. 

4.3. Breakdown of alloying effect 
When power-law creep is operating, the dislocation 
glide process is effected by alloying atoms. This leads 
to a relatively slow dislocation motion. With increas- 
ing stress the velocity of mobile dislocations grows 
and reaches a critical value, where the clouds of 
foreign atoms cannot follow the moving dislocations. 
The Cottrell clouds are lost and dislocations become 
free to glide [16, 17]. This breakdown of the alloying 
effect leads to a change in the general deformation 
mechanism from power-law creep to exponential 
creep, which is accompanied by a change in sub- 
structure [13]. A rough estimation of the applied 
stress, where most of the dislocations are escaping 
from their dragging clouds, was given by Weertman 
[16] 

cr ,,~ 1.8GCo, zIC~M - f~i]/f~M (8) 

Co,i is the mean molar concentration of the ith ele- 
ment, ~ and f~z are the atomic volumes of the matrix 
and the ith atoms, respectively. For the alloying ele- 
ment aluminium (~r'~Al = 1.66 x 10 - 2 3  c m  3 [183, 
[2v e = 1.19 x 10 -23 cm 3 [18], G ~, 30 GPa  (G = E/2 

(1 + v); E ~ 80 GPa  [12], v ~ 1/3) and C0,AI ~ 0.02) 
one obtains a stress of about 450 MPa. For  chromium 
(s = 1.20x 10 -z3 cm ~ [19], C0,c~ ~ 0.18) a stress of 
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about 220 MPa can be calculated. This indicates that 
chromium has a much smaller effect on dislocation 
motion than aluminium. All other alloying elements 
(e.g. silicium) do not influence dislocation motion as 
much as aluminium and, to a smaller extent, 
chromium. 

The transition of the deformation mechanism oc- 
curs between about 100 MPa at 750~ and about 
400 MPa  at 500 ~ (see Fig. la). It can be seen that, 
where dislocations escape from clouds of aluminium 
atoms, stress is in fair agreement with the transition to 
exponential creep only at the lowest temperature. The 
deviation between calculated and measured stress is 
larger at high temperatures. This is thought to be a 
consequence of the distribution of local stresses due to 
the dislocation arrangement. As shown elsewhere 
[12], the density of dislocations in the subgrain walls 
does not increase with applied stress because the 
misorientation angle between subgrains is independ- 
ent of the applied stress. Taking the local dislocation 
density in the subgrain walls as the origin of high local 
stresses [5], it can be seen that the stresses acting on 
the dislocations in the subgrain walls are nearly the 
same for all temperatures (in the transition region). 
This means that in the vicinity of subgrain boundaries 
there will always be local stresses near the calculated 
breakthrough stress. 

An interesting fact was shown in Reference 11. 
Evaluation of dislocation bowing showed that in the 
vicinity of subgrain boundaries the highest local effect- 
ive stresses are nearly independent of the applied 
stress. This indicates that the drag effect of alloying 
elements disappears, because at higher effective 
stresses dislocations can escape from their dragging 
clouds. Dislocations which are free of Cottrell clouds 
can glide very fast. This produces a high dislocation 
intersection rate and the substructure changes from a 
high degree of order (subgrain wails) to a low degree 
(cell walls). Thus the power law breaks down. 

5. Conclusion 
It was shown that the constant structure creep expo- 
nent, m', which can be obtained from stress relaxation 
tests as stress sensitivity of the relaxation rate at very 
small stress reductions, offers some advantages for the 
evaluation of creep behaviour. 

If power-law creep is working, m' is constant, while 
the steady-state creep exponent, n, which describes the 
stress sensitivity of steady-state creep rate, increases 
with applied stress. In the exponential creep region, m' 
is linearly dependent on the applied stress. Thus the 
choice between these deformation mechanisms is easy. 

From a combination of m' with internal stress 
measurements, the effective stress exponent, m, of 
dislocation velocity can be calculated. If m is near 
unity, drag-controlled dislocation motion controls de- 
formation. This is the case in the region of power-law 
creep. In the exponential creep region, m grows, indic- 
ating that dislocations break away from their Cottrell 
clouds. 
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